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CHAPTER PREVIEW

Internal interfaces (grain boundaries, phase boundaries, stacking faults) or external interfaces (i.e., surfaces)
are perhaps the most important defects in crystalline engineering materials. Their common feature is that
we can usually think of them as all being two-dimensional, or planar, defects. The main topics of this chapter
will be:

B Characterizing which type of internal interface we have and determining its main parameters.
®m Identifying lattice translations at these interfaces from the appearance of the diffraction-contrast
images.
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Rotations are usually associated with line defects and they will be discussed in Chapter 25. We can’t usually
identify the details of the local structure of an interface unless we use HRTEM, so we will return to that topic in
Chapter 28.



Planar Defects

24.1. TRANSLATIONS AND ROTATIONS

An interface is simply a surface which separates any two
distinct regions of the microstructure. For most of our dis-
cussion, we will assume that the surface is flat and is thus a
planar defect. We can sketch a general interface as shown
in Figure 24.1.

The upper crystal is held fixed while the lower one
is translated by a vector R(r) and/or rotated
through some angle 6 about any axis, v.

With this general definition, we can summarize the differ-
ent classes of planar defects:

B Translation boundary, RB. Any translation R(r)
is allowed, 6 is zero, and both regions are iden-
tical and thus perfectly aligned. Stacking faults
(SFs) are a special case. We’ll denote the trans-
lation boundary as RB so as to avoid confusing
it with the twin boundary (TB).

B Grain boundary, GB. Any values of R(r), n, and
0 are allowed, but the chemistry and structure
of the two grains must be the same. The SF is
again a special case, but this class also includes
TBs.

B  Phase boundary, PB. As for a GB, but the
chemistry and/or structure of the two regions
can differ.

B Surface. A special case of a PB where one phase
is vacuum or gas.

Now with each of these groups, we can have special exam-
ples. We list some of the most common examples in Table
24.1, including those that we will consider in this chapter.
For a more detailed discussion, we refer you to the general
references at the end of the chapter.

RBs include the familiar SFs found in fcc, hep, dia-
mond-cubic, and layer materials. They have been widely
studied because they play an important role in the mechan-
ical properties of the fcc metals, e.g., Cu and stainless
steel. They are also found in more complex materials such
as spinels, Ni,Al, Ti,Al, etc., where the lattice parameters,
and therefore the dislocation Burgers vectors, are large.

For example, the anti-phase boundary (APB) in or-
dered CuAu (which we can describe as two interpenetrat-
ing simple-cubic superlattices) is produced by translating
one superlattice by /4<111> with respect to the other. It
is called an APB because one superlattice is out of phase
with the other. If the crystal were disordered and the Cu
and Au occupied the bee sites randomly, then %<111>
would be a lattice vector and no defect would exist. This
particular APB can thus be regarded as an SF. Although we
know that {111} is the favored SF plane for fcc metals, SFs
in other materials lie on different planes. We will find that
the methods used to characterize RBs can often be used to
determine R(r) in other interfaces.

GBs fall into two groups, low-angle and high-an-
gle. Low-angle boundaries necessarily involve a rotation
which is usually accommodated by arrays of dislocations;
we’ll consider these defects in Chapter 25. High-angle
boundaries can adopt some special values of n and 0 such
that a large fraction of lattice sites in one grain is shared by
the other grain. We characterize the fraction by its inverse,
which we call Z. For example, the common twin boundary
in fcc metals is the ¥ = 3 grain boundary. The reason this is
important to our discussion is that if a set of lattice points is
common to two grains (as implied by the X coincident-site
lattice concept), then certain planes may also be common
and may give rise to common reflections. These reflections
will remain common even if one grain is translated relative
to the other. In that case, we’ll have a special type of RB,
called the rigid-body translation. Rigid-body translations
in grain boundaries behave just like other SFs except R is
usually small and is not directly related to the lattice para-
meters.
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Figure 24.1. A specimen containing a planar defect. The lower grain is

translated by a vector R(r) and rotated through an angle 6 about the vector
v, relative to the upper grain. The defect plane is n, the foil normal is m.

There is a second group of APBs where the two
grains cannot be related by a translation. These occur in
GaAs, ZnO, AIN, and SiC, for example. One lattice can al-
ways be related to the other by a rotation of 180° to give the
equivalent of an inversion; they are sometimes known as
inversion domain boundaries (IDBs). These special inter-
faces can often be imaged because of the small associated
translation. We analyze this translation as if it were a sim-
ple RB because all the planes on one side of the IDB are
parallel to their counterparts on the other; the (hk€) plane
on one side is parallel to the 7k€ on the other. We can’t dis-
tinguish g from g unless we use CBED (Taftg and Spence
1982).

PBs are rarely analyzed fully. If the orientation,
chemistry, and structure can all change on crossing the
boundary, then not only will the reflections change, but all
extinction distances will change too. Some special exam-
ples of such interfaces are hcp-Co/fcc-Co, bee-Fe/fce-Fe,
NiO/NiFeZO4, and GaAs/Aleal_xAs. Of course, the num-
ber of other such interfaces is countless.

Surface studies using TEM have quite recently be-
come very important although the experimental tools have
been available for some time. We will discuss surfaces in
this chapter insofar as they are imaged by diffraction con-
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trast. So-called profile imaging will follow in Chapter 28
on HRTEM. The two surface-sensitive techniques are plan-
view and reflection electron microscopy (REM; see Chap-
ter 31).

24.2. WHY DO TRANSLATIONS
PRODUCE CONTRAST?

As usual, we will start our analysis considering only two
beams, O and G. Our approach will use hand-waving ar-
guments, which are not perfect, to justify adapting the
Howie—Whelan equations for specimens containing inter-
faces. We’ll use the same approach for other defects in
Chapter 25. Because the Howie—Whelan equations for per-
fect crystals assume two-beam conditions, we are able to
solve them analytically. We’d like to be able to do the same
when defects are present, because this gives us a physical
understanding of the processes which produce the contrast.
There are two important features which we will need to
keep in mind:

B Diffraction contrast only occurs because we
have Bloch waves in the crystal. However, our
analysis will initially only consider diffracted
beams.

B We make the column approximation so we can
solve the equations; we must be wary whenever
the specimen or the diffraction conditions change
within a distance comparable to the column di-
ameter.

A unit cell in a strained crystal will be displaced
from its perfect-crystal position so that it is located at posi-
tion r; instead of r, where n is included to remind us that
we are considering scattering from an array of unit cells;
we’ll soon omit the n.

Table 24.1. Examples of Internal Planar Defects

Group Structure Example Example
SF Diamond-cubic, Cu, Ag, Si, GaAs R=%[111]or
fec, zinc blende R=14%[112]
APB/IDB Zinc blende, wurtzite GaAs, AIN inversion
APB CsCl NiAl R=%[111]
APB/SF Spinel MgALO, R=%[110]
GB All materials Often denoted by X rotation plus R
where X! is the
fraction of coincident
lattice sites
PB Any two different Sometimes denoted by rotation plus R
materials Z,,Z,, which are not equal plus misfit
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r,=r,+R, [24.1]
In this expression, R is actually R (r); it can vary through-
out the specimen. The term e2™KT in equation 13.3 now be-
comes e*™Kt’ g0 we need to examine the term K-r’. We
know that K is g + s, so we can write

K-r,=(g+s) (r,+R,)
[24.2]

=g-r,+g-R, +s-r,+s-R,
Now, since r, is a lattice vector, g-r, is an integer as usual.
The third term, sT, gives our usual sz term, so the new
terms are g-‘R _and s-R .

When we discuss strong-beam images we know
that s is very small. Since we are using elasticity theory, R
must be small. Hence we ignore the term s-R . Remember
that we have made a special assumption which may not be
valid in two situations:

B When s is large; we’ll encounter this when we
discuss the weak-beam technique in Chap-
ter 26.

B When the lattice distortion, R, is large; this oc-
curs close to the cores of some defects.

We now modify equation 13.8 intuitively to include the ef-
fect of adding a displacement from equation 24.2

B < Fio,+ Pover [ 2mil g R)] 24

and

900 = Floy Fioy expls2rilsc+g R)] 1244

Next, we simplify these equations just as we did in Chapter

13 by setting

q)O(Z)(sub) = ¢Oexp (ﬂ) [245]
Eo
and
0g(2ut) = Pz €XP ( 21tisz — %) [24.6]
0
Then the Howie—-Whelan equations become
dd g i .
42’; R %¢ gunXP (27ig - R) [24.7]
g
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and

d¢ su ] ; 7
— = g—;d)o(sub)exp (-2mig - R) + 2mis0 ., [24.8]

These equations are just as before (equations 13.14 and
13.15) but with the addition of the 2rig-R term. This addi-
tional phase is termed o, hence planar defects are seen
when o020

o=2ng-R [24.9]

These expressions will be particularly useful in two cases:

B When R = constant.
B Understanding phasor diagrams when defects
are present.

We start with a simple stacking fault lying parallel
to the surface, as shown in Figure 24.2. In this situation the
beams propagate through the upper layer just as if no fault
were present. At a depth z = ¢, the beams may experience a
phase change due to the effect of the translation R, but af-
ter that they again propagate as if in a perfect crystal.

In this chapter, we’ll see several values of o. A spe-
cial case occurs when o = £120°. This value of o is often
encountered since it occurs for fcc SFs. We’ll also en-
counter the case where o = +180°; this value arises for
some special APBs which are really SFs.

24.3.THE SCATTERING MATRIX

This discussion of the scattering matrix introduces no new
concepts. It is just a different way of writing the equations

¢g((}) 00(0)
I Top
J [ rl B
| 001\ /00t VI Center
Fault
2 tfj —
Bottom
Oo(2) Og(1)

Figure 24.2. A stacking fault lying at depth ¢, in a parallel-sided uni-
formly thick specimen. The total thickness is z and 7, = £ — 7.
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so that, if you are calculating the image contrast, you can
program the computer more easily, especially when you
have complicated arrays of lattice defects. Our reason for
delaying the introduction of the scattering matrix until now
is that it is much easier to understand when you can apply it
to a specific problem.

In equation 13.20, we showed that in the two-beam
case, we can write these simple expressions for ¢, and ¢,

By = Cye?™": [24.10]

and

q)g — CgeZH:iyz [24 1 1]

Since there are two values for 'y, we can express both the 0
and g beams as the combination of these two contributions
to give

0o(z) = c{MyWexp (ZRiY“’Z) [24.12]
+ Chyllexp (27U'Y(2)Z)

0,(z) = CYyexp 2y
[24.13]

+ CPhyPlexp (Zniy(z)z)

where the y® terms tell us the relative contributions of the
v and y@ terms. (We are really saying that both Bloch
waves contribute to both the 0 and g beams.) We can
rewrite equations 24.12 and 24.13 in a matrix form

exp (ZRisz) 0
¢0(Z) ) C‘(ll) C.()z) \'I(l]
0,(2) cV Cf) 0 exp (Zni’y(z)z) ) [24.14]

We can express our boundary conditions as

cihyl) + cPhy) = ¢,(0) [24.15]

and

[24.16]

which we can now rewrite as

e e |y [ 0,(0)
(We actually saw in Section 13.9 that ¢,(0) is 1 and (I)g(O) is

0, because z = 0 is the top surface.) Now we can use matrix
algebra to solve equation 24.17. First rewrite it as
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yl) 9o(0)
C = [24.18]
then rewrite equation 24.18 as
yl _ -l ¢0(0)
(W(Z))—C ((bg(O) [24.19]

where C! is just the inverse matrix. Remember that the or-
der is important in matrix multiplication and that C1C = I,
the unit matrix.

Therefore we can rewrite equation 24.14 as

(%(2)) . exp(Zﬂ:iy“)z) 0

1| 9(0) [24.20]
0 exp (2niy(2)z) ¢

Finally, we can define a new matrix P(z) as the scattering
matrix for a slice of thickness z

exp (21:1'7(”2) 0

- -1_ -1
P(z)=C 0 e (mymz) € =CTC 421

The matrix P(z) thus gives us the values of the exit wave
amplitudes at the bottom of the slice in terms of the inci-
dent values. In other words, the matrix P(z) includes all the
information to describe the propagation of the beams
through the crystal; P(z) is a propagator matrix. Notice
that z only enters the equation through the I' matrix in
equation 24.21.

24.4. USING THE SCATTERING MATRIX

Now we illustrate the real strength of the scattering matrix
approach by considering the effect of a planar fault lying
parallel to the foil surface, as we saw in Figure 24.2. The
idea is that we now have two slices of material of thickness
t, and f,. We can easily calculate ¢(¢,) and ¢g(z1) using
equation 24.20. These values for ¢, and ¢, then become the
incident values for slice 2. The effect of the translation R is
to multiply the terms in C , in the lower slice by a phase
factor exp (-iat), where oo = 2ng-R as usual. The matrix C
for slice 2 is then written as

C'(Jl) CS)?.)
2= o o) c® ;
¢ CXp (— zoc) C.'exp (— zoc)

g

[24.22]
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We can write down the expression for ¢,(¢) and 0,(1) as

0o(?) -1 | 96(0)
(q)g(t))=czp(t2)c2 C,P(1))C (q>g(0)) [24.23]

where the subscripts on C, and C, just identify the slices.
Normally, this equation goes straight into the computer.
However, we’ll go back and consider a few special points:

B Look at equation 24.23 and set R = 0, so that
C, = C,. You can see that P(r) = P(1))P(z,).
Clearly we could cut the perfect-crystal speci-
men into many slices and P(¢) would always be
the product of the scattering matrices for each
slice.

B How do we prove equation 24.227 From equa-
tion 14.12 we know that a Bloch wave can be
written as

b(k) =% C,(k)exp (2mi(k +g)-r)  [24.24]

If the crystal is displaced by a vector R then we replace r
with r — R (notice the sign, see Section 25.14). (We have
just used a “hidden” column approximation.) Equation
24.24 is then written

b(k) =X Cy(k) exp (2mi(k +g) - (r-R)) [24.25]

b(k) = e Ry C (k) e me R gmlkrelr 24.06]

C, is not affected by R since 210-r = 0, but C, is multiplied
by e,

B If you choose the coordinates appropriately (see
Chapter 14) then C is a unitary matrix. In this
case, you can find C' just by reflecting across
the diagonal and taking the complex conjugate
of each term. This trick will allow you to ex-
press equation 24.23 explicitly, as given by
Hirsch et al. (1977) (omitting a phase factor)

Qol(t)=
(

mAkt) - i cos (PB) sin (mAkt)|

[cos [24.27]
+ %(e”" — 1)sin’ cos (TAkt) - %(e"’ — 1)sin’p cos (2mAkt’)

0] g(t) =i sin B sin (nAkz)

+ %sin B(l - e(”'“)) cos B cos (nAkt) —isin (nAkt] [24.28)
- %sin ]3(1 - e(“"”) cos B3 cos (21:Akt’) —isin (21tAkt')]
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In equations 24.27 and 24.28, ¢’ is the distance of the fault
below the center of the slice, i.e., we define t’ = 12 where
t, lies between 0 and z. (It’s a good, but tedious, exercise to
derive these equations for yourself.) The right-hand side of
equations 24.27 and 24.28 each contains three terms:

B The first term is just what we found in Chapter
13 where the phase factor o = 0, i.e., it’s just
like the perfect crystal.

B The second term is independent of the position
of the planar fault because it doesn’t depend
ont’.

B The third term depends on ¢” such that both ¢,
and ¢, change with a periodicity in ¢ given by
Ak, So these amplitudes show the same depen-
dence on § geff. They will both show thickness
variations.

You should keep in mind that we derived these equations
for a planar defect lying parallel to the parallel surfaces of
our specimen and normal to the beam. We can now take
these ideas and apply them to planar defects which are in-
clined to the surface, by calculating the contrast for all val-
ues of ¢’ between 0 and ¢. The important points to remem-
ber are:

B The model used in the calculation was a flat
interface parallel to the surface of a platelike
specimen. You’ll see fault fringes when ¢’ varies
across the fault, but you don’t usually have to
consider the fact that either the surface or the
fault may be inclined to the beam.

B The concept of the scattering matrix allows you
to identify very clearly the effect of the defect
on ¢, and 0 o

24.5. STACKING FAULTS IN
fcc MATERIALS

We’ll begin our discussion of actual examples with the SF
in fcc materials. Before we discuss the details of contrast
from SFs in fcc materials, we’ll summarize the important
results which hold for all planar defects:

B The appearance of the image depends on the
specimen thickness.

B Pairs of BF/DF SF images are not generally
complementary even though we are using a
two-beam approximation. Compare to the com-
plementary behavior of the thickness fringes
discussed in Chapter 23.



386

B Planar defects can, in fact, have a thickness.
We’ll illustrate this concept using overlapping
faults in fcc materials (see also Section 6.6).

Do not assume all faults are the same as in fcc
materials!

24.5.A. Why fcc Materials?

There are several reasons for emphasizing the analysis of
stacking faults in fcc crystals:

B Many important materials are fcc, including the
metals Cu, Ag, Au, and austenitic stainless steel,
and the semiconductors Si, Ge, and GaAs.

B Most of the analysis of SFs derives from the
study of fcc materials.

W The translations are well known and directly re-
lated to the lattice parameter: R is either %<112>
or %4<111>. Notice that these definitions differ
by the lattice vector, %<110>. (Actually there
may be small deviations from these ideal val-
ues, but we’ll ignore them for now.)

We want to learn how to extend this analysis to other fault
vectors and avoid making unfounded assumptions when
we do extend it. The geometry often encountered is shown
in Figure 24.3. If the sample is single crystal, then you need
to prepare a specimen with a [111] foil normal, so that you
can image long segments of the dislocations lying in the
plane of the foil on their (111) glide plane.

You should note that (111) is one of three possi-
ble planes for an inclined SF. In this case, the translation at
the stacking fault will be R = + % [111]; the phase factor, o,
is 21 g-R. If you form an image with the g = (220) reflec-
tion strongly excited, then g-R = 0 and the fault is out of
contrast in both BF and DF. If, instead, you use the reflec-
tion g = (022), then g-R =% or — % and o = % = %% = 120° or
=% = % = ~120° (modulo 27 in each case). Notice that if
the stacking fault lies parallel to the surface of this (111)-

-

T[m]

Figure 24.3. A stacking fault in a parallel-sided fcc specimen. The nor-
mal to the specimen is [111] and the normal to the SFis [111]. T and B in-
dicate the top and bottom of the foil.
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oriented specimen, you must tilt the specimen to see any
contrast from the SF, i.e., g-R = 0 for all values of g lying
in the fault plane.

Figures 24.4A-D show two typical BF/DF pairs of
+g strong-beam images from the same SF. In the BF im-
ages the outer fringes are the same on both sides of the
fault (both gray or both white) while in the DF images one
outer fringe is white but the other is gray, as summarized in
Figures 24.4E and F. The questions which arise are:

B What determines whether a fringe will be gray
or white?
B Why are the two images not complementary?

Note in Figures 24.4E and F that Type A reflections are
200, 222, and 440 while Type B are 111, 220, and 400.

24.5.B. Some Rules

There are some experimental rules:

B Be very careful when you record such a pair of
images: record the DP for each image. Be sure
to note which of the two bright spots corre-
sponds to the direct beam.

B Use the same strong hk€ reflection for BF and
DF imaging. Therefore, to form the CDF image
using a strong hk€ reflection you must first tilt
the specimen so that hk€ is strong, and then use
the beam tilts to move hk€ onto the optic axis
where it will become strong (see Section 22.5).
This is confusing, so we recommend that you
sacrifice a little image resolution and compare
the BF image with a displaced-aperture DF im-
age, rather than a CDF image.

In a modern IVEM, there is almost no loss of resolution be-
tween displaced-aperture DF and CDF.

So to avoid the possibility of confusion about which
reflection to use for the DF image (e.g., see Eding-
ton 1976, p. 148), just displace the aperture to the
strong hk{ reflection in every case.

This is exactly the opposite of the approach used by Eding-
ton, who advocates tilting in Ak for the DF image, which
reverses the DF contrast in Figures 24.4E and F. Our ap-
proach ensures that diffraction from the same hk€ planes
causes the contrast in both BF and DF images.

Then there are some rules for interpreting the con-
trast:
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B In the image, as seen on the screen or on a
print, the fringe corresponding to the top sur-
face (T) is white in BF if g-R>0 and black if
g-R<0.

B Using the same strong hk{ reflection for BF
and DF imaging, the fringe from the bottom (B)
of the fault will be complementary whereas the
fringe from the top (T) will be the same in both
the BF and DF images.

B The central fringes fade away as the thickness
increases. If this seems anomalous, the expla-
nation is in Section 24.10.

B The reason it is important to know the sign of g
is that you will use this information to deter-
mine the sign of R.

B For the geometry shown in Figure 24.3, if the
origin of the g-vector is placed at the center of
the SF in the DF image, the vector g points
away from the bright outer fringe if the fault is
extrinsic and toward it if it is intrinsic (200,
222, and 440 reflection); if the reflection is a
400, 111, or 220 the reverse is the case.

B Don’t forget that, as we said at the start of
Chapter 22, any contrast must be >~5-10% to
be visible to the eye, so any intensity change
due to g-R effects is only detectable if g-R>0.02
(unless you can digitize and process your ana-
log TEM image). With experience, you’ll find
there is an optimum thickness to view defect
contrast, before absorption effects make it diffi-
cult. You must also carefully select s so the
background intensity in the matrix around the
defect is gray and this maximizes visibility of

F Type A Type B lighter and darker fringes.
BF DF BF DF
B : B 'lr B :" B 1" So just because you can't see a defect doesn't
u [ u - . » G
& G|W¥ f W w| & w [meanitisn'tthere, orthatg-R =0.
| N N
Extrinsic
g i; i ? g f { ? As we said, these complex rules are summarized in Figures
v W|lW G ¢ ‘i G W 24.4E and F. Although they are very useful, in practice you
: L " I should remember that they were derived for a very special
B "Ir B "Ir : |] B i combination of R and g in fcc materials. Some important
\ \3; W ,:; W (_';, (I-, \3; ; examples of g-R are given in Table 24.2. As we’ll describe
T Bix i 1|t 1 E i | in Section 24.11, you should use a computer program to
nirinsie T B|T B T B| T B checkthe contrast.
- N i 1|1
¢ 6(G W v wWIiw G
LA I I A T O

Figure 24.4.
+g BF and +g DF. The beam was nearly normal to the surfaces; the SF
fringe intensity is similar at the top surface but complementary at the bot-
tom surface. The rules are summarized in (E) and (F) where G and W in-
dicate that the first fringe is gray or white, and (T,B) indicates top/bottom.

(A-D) Four strong-beam images of an SF recorded using

24.5.C. Intensity Calculations

Now let’s consider intensity calculations using the column
approximation, which we briefly discussed in Section
13.11. If the fault cuts the column at a depth t,, we can de-
duce from equations 24.22 and 24.23 that
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Table 24.2. Values of g-R for Some Common In Chapter 26 we will discuss this SF contrast in
R/g Combinations terms of phasor diagrams, which give a graphical way to
R . w=2mgR represent these equations.
(mod 2m)
i — 24.5.D. Overlapping Faults
SFin fcc 1[111] (111), (220), (113) 2n/3
SFin fec L (113) an/3 It is interesting to extend this analysis to the case of over-
Translation at APB  4[110] (100) - lapping faults. Taking the analytical approach, we can ex-
in Fe,Al tend equation 24.29 to the case of two overlapping faults,
Small R, e.g., NiO any gorsort, 5 the first at depth ¢, and the second at depth z,
differ slightly ) " A enpen ‘
¢g ~ I f e Zn;szdz +e i f e stzdz
& g 0 t
. 1y . . t . ; ’_
0, = é—n f e M dz 4 g J ey [24.29] 4 e ilog+0y) 2Tty [24.33]
g |0 1 1+
which gives An experimental illustration of a somewhat more complex

situation, involving several overlapping SFs, is shown in

0, = Sig; e 2 (sin (mst, ) + e sin (ms(r - 1,))}  [24.30]

We rearrange equation 24.30 to give an expression for the
intensity, 1, (= 0, ¢g*). This rearrangement involves a little
manipulation

I,= —1—7{sin2(nst1 + %—) + sinz(%)
)
[24.31]

- sin(%—)sin(nst + %) cos(ZTcst')}

where t’ =1t — ! as before. So the contrast depends on both
the thickness and the depth. Note that 7 is the center of the
foil. Since « is fixed for a particular defect, let’s fix ¢. Then
equation 24.31 becomes

I, 1{A- B cos(2nst')} [24.32]

Now we have cosine depth fringes or defect thickness
fringes, just as we did for the perfect crystal.

B The thickness periodicity depends on s7.
B The intensity varies as s2.

We could have derived this equation from equation 24.28
with more work. However, the value of the scattering ma- Figure 24.5. Two +g BF images of overlapping SFs in fcc steel, with

trix approach is that we don’t derive the analytical expres- the direction of g indicated. The faults are very close together. When three
sion but just run the computer. faults overlap the effective value of R is 0 so the contrast disappears.
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Figure 24.5. We can see two very interesting features in
this image:

B The BF/DF contrast is not complementary.

B [t sometimes appears that there is no contrast,
even when we know that there are overlapping
SFs. This can happen if, e.g., three SFs overlap
on adjacent (or nearly adjacent) planes; then the
effective R can be 3 x §[111], which is a per-
fect lattice vector and can therefore appear to
give 2ng-R = 0.

We will return to this topic in Section 26.6 where we’ll
show that some planar defects, such as the extrinsic SF in
Si or the dissociated {112} twin boundary in some fcc met-
als, really have a thickness. We can then analyze the con-
trast from such interfaces using the overlapping-fault
model.

24.6. OTHER TRANSLATIONS:
n AND 6 FRINGES

We discussed the L1, structure of NiAl in Section 16.5.
This intermetallic is an example of a large group of materi-
als which can contain a different type of RB. If the Ni
atoms sit at the corners of the cell in one crystal region but
the Al atoms sit at the corners in another part of the crystal,
then the two crystal regions are related by a translation of
+[111]. The two crystals would otherwise still be perfectly
aligned but are separated by this RB, which we call an
APB.

Similarly in the L1, structure of the intermetallic
Ni,Al, we could have the Al atoms on the corners of
the unit cell in one part of the crystal and displaced by R =
+[110] in the adjacent region. (We can actually form six
nonequivalent APBs in this structure.) The crystal structure
looks like fcc but the Al atoms are at the corners of the unit
cell (forming the simple-cubic superlattice) with the Ni at
the face-centered positions. The easy way to appreciate
this RB is to think what would happen if the alloy were
completely disordered: there would be no planar defect.
This RB can be imaged using the (100) reflection. Notice
again that for a disordered structure, the {100} reflections
would be absent if the alloy were disordered; the {100}
planes are said to give rise to superlattice reflections; these
reflections would be forbidden if the material were disor-
dered. For this case we can readily show that the phase fac-
tor o = T, so the fringes we see are called w fringes. The
structure of this interface is shown schematically in Figure
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R=3[110]

[(010]

[100]t

Figure 24.6. Schematic of an interface in the intermetallic Ni,Al
showing how the two structures link coherently. The phase factor at such
an interface is 7 and the fringes seen in the image are called & fringes.

24.6. These & fringes can give symmetric fringes in DF and
BF and complementary BF/DF pairs.

Similar RBs are very common in oxides because
the unit cell is often quite large, giving more opportunities
to form such interfaces. The interface shown in Figures
24.7A and B has been called both an SF and an APB in the
spinel. These interfaces can show all the features we dis-
cussed in Section 24.5 for SFs in fcc materials, and those
we’ve just discussed depend on which reflection you use.
You can again see a change in contrast in Figure 24.7C
when APBs in TiO, overlap as shown schematically in Fig-
ure 24.7D (Amelinckx and Van Landuyt, 1978). In Figures
24.7A,B, if you image the fault using the 220 reflection
2ntg-R = © and so you’ll see SF fringes. If however, you
image using 440, 2ng-R = 27w, so you’ll only see residual
contrast (because R is not exactly +[101].

The APB shown in Figure 24.8 is different yet
again. This planar defect in GaAs is also known as an IDB
(Section 24.1). The fringes you see are caused by a transla-
tion, but R is not related in a simple way to the structure of
the crystal (Rasmussen et al. 1991). As shown in the dia-
gram, the translation is present because there is a small re-
laxation of the Ga-Ga and As-As bonds at this {110} inter-
face. The value of R was determined to be 0.19A with a
statistical uncertainty of £0.03A. These fringes are then
known as & fringes (because they are only small transla-
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Figure 24.7. (A) Pair of BF images and (B) schematic of an SF in spinel;
this interface is also known as an APB since the SF translation vector is a per-
fect (sub)lattice vector in the underlying fcc oxygen sublattice as shown in (B).
Large circles are O anions at different heights (1,3) and (2,4); the small circles
and triangles are cations at different heights (14 as indicated). (C) APBs can
overlap just as SFs can as shown by these faceted APBs in TiO,. Many of the
facets give quite similar contrast but those near the center are strikingly differ-
ent because of overlap. The schematic (D) shows a series of APBs, each of
which is formed by a translation which has little effect on the oxygen sublat-
tice.

Hl W IMAGING

- };_1;:

Figure 24.8.
of the (110) facet. The translation is caused by the difference in length of
the Ga-Ga and As-As bonds and does not correspond to any length in the
GaAs lattice.

(A) A faceted APB (or IDB) in GaAs with (B) a schematic

tions and are not related in a simple way to 21). The use of
image-simulation programs, which are necessary to deter-
mine R (remember that the wavelength of the 200-kV elec-
trons used for the measurement is itself 0.0254), is dis-
cussed in Section 24.13.

A
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Table 24.3. Examples of Special Phase Boundaries

Boundary Example of material Features

Ferromagnetic domain boundaries NiO

Ferroelectric/piezoelectric boundaries BaTiO, Small tetragonal distortion

Composition boundary GaAs/AlGaAs &g is different on two sides
of boundary, even for
perfect lattice matching

Structure boundaries a-SiC/B-SiC

hep-Co/fece-Co

Composition/structure
Al/Cu

Nb/ALO,

o-Fe/Fe,C

24.7. PHASE BOUNDARIES

We list a few special phase boundaries in Table 24.3.

An example of a PB is shown in Figure 24.9. In
NiO, which is ferromagnetic, some of the planes rotate
when the structure changes from cubic symmetry below
the Curie temperature. Now we can also define the cubic
structure as thombohedral with o = 60° in the rhombohe-
dron. Below the Curie temperature, the rhombohedral an-
gle is distorted by only 4.2” from the true 60°. Therefore,
most g-vectors will rotate through a very small angle and
hence produce a change in the value of s. However, as you
can see in Figure 24.9, this small rotation can readily be
detected by the change in contrast and the faint fringes at
the phase boundary.

We can have overlapping PBs, so the warning is the
same: be very wary and use tilting experiments.

Figure 24.9. The ferromagnetic material NiO undergoes a structural
change from cubic to distorted rhombohedral at the Curie temperature.
Although the distortion in the rhombohedral structure is very small, it
causes a detectable rotation of the lattice planes which results in the 3
fringes in the image.

24.8. ROTATION BOUNDARIES

What can we learn about rotation boundaries when the ro-
tation angle is greater than about 0.1°? Unfortunately, the
answer is “not a lot,” unless we have defects which accom-
modate the rotation. Then we are into the subject of dif-
fraction contrast of line defects in interfaces. However,
with care you may be able to excite g in one grain or in
both by tilting the specimen. The difficulty, of course, is
that Sg is likely to be different in each material. Complica-
tions will also arise if other defects are present, since you
may or may not see those defects. Examples of such inter-
faces are shown in Figure 24.10.

24.9. DIFFRACTION PATTERNS AND
DISPERSION SURFACES

You read in Chapter 17 that what you see in an image must
be related to what happens in the DP, which in turn is deter-
mined by how the Ewald sphere intersects the reciprocal
lattice. Figure 17.5 showed that a planar defect which is in-
clined to the surface of a parallel-sided specimen will give
rise to relrods. Therefore, a planar defect in a parallel-sided
specimen will produce at least two spots in the diffraction
pattern. Since most specimens are wedges (see Figure
17.4), and the planar defect will, in general, be inclined to
both surfaces, the relrod geometry is even more complex.
Figure 24.11 shows lines normal to each interface and their
associated relrods. You can appreciate that when the Ewald
sphere cuts these relrods, several spots may appear in the
diffraction pattern. Now we need to relate these relrods to
the fringes we see in the image. This model would predict
that we would not produce fringes when s = 0, so we
should modify what we did in Figure 17.15. The periodici-
ties of the fringes in the image are inversely related to the
distances (M|N, and M,N) between the spots in the DP.
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Figure 24.10.

(A) If the adjoining grains are rotated so that they do not
share a common reflection, images can be formed where only one of the
grains diffracts. As shown in (B), the thickness fringes associated with
the wedge-shaped foil merge into the thickness fringes associated with the
inclined interface. (C) If the foil is tilted so that the same (though not co-
incident) reflection is excited in both grains, the number of fringes in the
interface increases with each incremental increase in the wedge thickness.

At s = 0, the fringe spacing is determined by Ak =
&, '; the spacing of the fringes is &

When a planar defect is present in the specimen, the
two branches of the dispersion surface are not only coupled

Il M IMAGING

Upper surface

Lower surface

Figure 24.11. In a wedge specimen, the planar defect will, in general,
be inclined to both surfaces and the relrod geometry is complex. The
fringe spacing in the image is related to the reciprocal of the distances
M)N and M,N.

along a tie line normal to the surface of the specimen but
also along that normal to the planar defect. However, when
s = 0, the thickness periodicity in the image corresponds to
the extinction distance. When we relate this to the region G
in the reciprocal lattice, the two relrods (which are a kine-
matical construction) must actually separate to give the
two hyperbolas shown in Figure 24.12, which is why we
drew Figures 17.15 and 23.6 as we did.

If you see fringes in the image, spots will be pres-
ent in the DP.

The spots in the DP are associated with points M and N in
Figures 24.11 and 24.12.

relrods

Figure 24.12. The dispersion-surface construction for an inclined pla-
nar defect in a parallel-sided specimen. (Compare with Figures 17.15 and
23.6.) For simplicity, we show the hyperbolas due to the defect alone, not
the extra effects that would arise in a wedge specimen.
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24.10. BLOCH WAVES AND
BF/DF IMAGE PAIRS

In Chapter 14 we saw that, in a crystal, the electron must
propagate as Bloch waves, and yet we have not mentioned
Bloch waves in our discussion of thickness and bending so
far. Most of the analysis of this topic is beyond the scope of
this text, but it is important to understand the basic ideas,
particularly since they will also apply to scattering from
defects in the crystals. Remember that ﬁg is a direct conse-
quence of having two Bloch waves. The important mes-
sage here is: don’t let the words overawe you.

The idea is quite simple. Since we have two Bragg
beams excited, then we must have two Bloch waves in the
crystal. The propagation vectors of these two waves are k,
and k,, with the difference IAKI being given by s,,,. We see a
thickness dependence in the image because the two waves
are interfering. The only two waves which are really present
in the crystal are the two Bloch waves. It’s the beating of
these two waves which gives rise to thickness effects.

In the two-beam case, the Bloch waves, 1 and 2, are
channeled along and between the atom columns (see Fig-
ure 14.2). A fault may change the channeled wave into the

rrrrro v Frr Y v vwww LARASE R R RN SRR R R A Y

Figure 24.13. Bloch waves 1 and 2 are channeled along and between
the atom columns, respectively, until they meet the fault. There the atomic
columns are translated so that the channeled Bloch wave may become the
nonchanneled one.
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Figure 24.14. The absorption of the branch-1 Bloch wave near the top
surface, T, of the specimen and its re-creation when the planar defect is
near the bottom, B, determines the contrast we see. (A) shows which
Bloch waves are present at the different depths in the specimen, (B)
shows how the Bloch waves are coupled along tie lines joining the two
branches of the dispersion surface, and (C) shows the resulting contrast.

nonchanneled one, as you can see in Figure 24.13. The ef-
fect of the planar defect is simply to couple the Bloch waves;
in other words, the defect links the different branches of the
dispersion surface. The noncomplementary contrast at SFs
in fcc metals is directly explained by this coupling.

As soon as the beam enters the specimen we excite
Bloch waves 1 and 2. Therefore, in Figure 24.14A, the two
Bloch waves 1 and 2 are shown everywhere at the top sur-
face of the foil. The planar defect links points D, and D, on
the two branches of the dispersion surface, as shown in
Figure 24.14A, along the tie line, D\D,” and D,’D,. We’ll
analyze the three situations shown in Figure 24.14B, which
correspond to the planar defect being close to the top, the
middle, and the bottom of the specimen. The key feature is
that, as we saw in Section 14.6, Bloch wave 1, which has
the larger k-vector, will be preferentially absorbed. It is ac-
tually totally absorbed in thicker specimens.

B When the planar defect is close to the top sur-
face (as occurs near T), waves 1 and 2 are both
coupled (or scattered) to the other branch of
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the dispersion surface so we form four Bloch
waves (but with only two K-vectors). Both
Bloch waves which are associated with the up-
per branch of the dispersion surface (wave vec-
tor k) are preferentially absorbed, but the waves
D2 and D2’ both reach the lower surface. There,
they interfere to give the thickness fringes even
though they are both associated with the lower
branch of the dispersion surface; D2’ retains a
“memory” of D,.

B When the fault is close to the middle of the
specimen, the branch-1 Bloch wave is absorbed
before it reaches the planar defect but a new
Bloch wave D, is formed at the defect. How-
ever, while traversing the other half of the
foil, this wave is also absorbed so that only
wave D, reaches the lower surface. Thus the
electrons can propagate through the specimen
(we can see through it) but there are no thick-
ness fringes, because only one Bloch wave sur-
vives. However, we can still image defects in
these thicker areas, as you’ll see if you look
back at Figure 23.10.

B At the lower surface, B, only wave D, survives
to reach the planar defect but it now produces a
new wave Dl', which can reach the lower sur-
face, recombine with Bloch wave D,, and pro-
duce thickness fringes. The resulting contrast is
summarized in Figure 24.14C.

Bloch-wave absorption is a critical factor in explaining the
appearance of contrast from planar defects. The part of this
argument which is not intuitive is the fact that D,’ retains a
memory of D,; this memory allows it to interfere with D,
to produce the thickness fringes near the top of the speci-
men, even though no Bloch wave from branch 1 reaches
the bottom of the specimen. We’ll refer you to the article
by Hashimoto et al. (1962) for further discussion on this
topic.

24.11. COMPUTER MODELING

From the discussion in Sections 24.5 and 24.6, you will re-
alize that o and & fringes are usually understandable as
long as you know what the defect is, and as long as it’s not
actually a set of overlapping defects. The contrast from &
fringes is much more complex and combinations of o, T,
and 0 fringes are difficult! The situation will become even
more complicated if you want to understand the contrast
occurring when other defects interact with these planar
faults. A computer program is then really the only way to
analyze the contrast from these defects.

I B IMAGING

The first program to attempt the task of simulating
two-dimensional images of planar defects is described in
the book by Head et al. (1973) (see Section 1.5). One of
several modern approaches is Comis, a Unix program,
which is also available in a Macintosh version. We will
mention some of the features of these programs to help you
select one, but leave the detailed descriptions to the appro-
priate manuals. The most important reason for using any
program must be your desire to understand the contrast and
thus characterize the defect.

These programs are tools to assist you toward the
goal of quantitative analysis of diffraction contrast,
but you always need the fully quantitative experi-
mental image, too.

You need an accurate simulation of the image you see in
the microscope. The fact that the image varies with depth,
thickness, g-vector, etc., is actually to your advantage,
since you then have many variables, all of which you must
be able to measure to achieve a good match with your ex-
perimental image. From the point of view of quantitative
analysis, a one-dimensional line (intensity) profile is as
valid as a two-dimensional image. Of course, if you can
compare the contrast in an image and a simulation point by
point, then you can have much greater confidence in the
matching. The two-dimensional simulated image is also
more viewer-friendly!

A great advantage of more powerful computers is
that you can also test the effect of specimen geometry more
readily. Thus, for example, Viguier et al. (1994) have
shown using the Cufour simulation package (Schiublin
and Stadelmann 1993) that the rules for fringe contrast
given by Gevers et al. (1963) will not work if the specimen
is tilted such that it intersects the bottom of the foil above
the point where it intersects the top! You can understand
this situation more easily by looking at the specimen
geometry shown in Figure 24.15.

Image simulation tells us that g-R must be >0.02 to
produce visible fringes, and you don’t need to know the lo-
cal structure at the planar defect when determining this
condition. You could, in principle, detect smaller values of
R by using larger g-vectors, but in practice it then becomes
more difficult to set up a well-defined diffraction geom-
etry.

The next two sections are rather specialized and
you may wish to leave them until much later, especially if
you don’t have access to a suitable program, or until you
are prepared to write your own. Do consult the key refer-
ences and list of available programs in Section 1.5 before
writing your own program. The subject is just as relevant
to the topics of Chapters 25 and 26, but we include it in this
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Figure 24.15. Many of the “rules” for predicting the contrast from pla-
nar “defects” make certain assumptions about the geometry of the defect
relative to the surface of the specimen which may not always hold. Here it
is demonstrated that the intersection of the planar defect with the upper
specimen surface may be lower than the intersection with the bottom sur-
face. This geometry can cause a reversal in the rules.

chapter mainly because the analysis of planar defects is the
most straightforward application.

24.12. THE GENERALIZED
CROSS SECTION

Head et al. (1973) presented a method and a computer pro-
gram for the computation of BF and DF images of line and
planar defects. The source code is given in their book and
is available from the WWW. You should note several im-
portant features of this program:

B It uses the two-beam theory of electron diffrac-
tion.
It uses the column approximation.
The simulated image can be displayed as a
halftone image rather than as intensity profiles.

This program was so successful, in part, because Head et
al. were able to calculate the images quite quickly in spite
of the fact that the computers available to microscopists
were often not particularly powerful in ~1970. The calcula-
tions used a concept which they called the generalized
cross section (GCS). (The GCS is not a scattering cross
section, it is actually a slice through the specimen.) The
GCS can be used when the displacement field, u,, satisfies
the requirement that

ug(x,y,z) =uy(x, 0,z + cy) [24.34]
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Here, c is a constant and the foil is imagined to be laterally
infinite. When this requirement is satisfied, the calculation
of u, is greatly simplified. One such situation is the impor-
tant case where several dislocations and their associated
fault planes are all parallel to one another. Then you only
need to calculate the many-beam Howie-Whelan equa-
tions on the plane y = 0. The displacement field for two
columns y, and y, will only differ by a translation along the
column, i.e., the z-direction. You don’t want to repeat cal-
culations you’ve already done; just calculate the image on
a mesh in the x-y plane.

Examples of comparisons between experimental
and simulated images using Comis are shown in Figure
24.16. This package is particularly attractive since it also
performs elasticity calculations for simple defect configu-
rations. You’ll also find it instructive for simulating the ef-
fect of changing different parameters, such as:

Change the accelerating voltage to see the ex-
tinction distances change.

Change the absorption parameters to see the
loss of SF-fringe contrast near the middle of the
foil (z = 0.51).

E '
:
L
%

C D

Figure 24.16. (A) Experimental BF image of an APB with g = 220.
(B) DF image of the same defect, g = 220. (C,D) Corresponding simulated
images.
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B Change the number of beams contributing to
the image; how good is your two-beam assump-
tion?

B Look at how reversing g changes the geometry
of the image.

B Compare BF and DF as you vary the value
of s,

24.13. QUANTITATIVE IMAGING

One of the important applications of diffraction-contrast
images is the detailed characterization of defects. With
the improvements in the TEM, particularly in resolution
and drift, we are now able to pay more attention to the
fine structure of defects and this requires quantitative
image analysis. In particular, we need to use the actual
intensity levels in the image. One obstacle for quantita-
tive analyses has been the uncertainty in the background-
level intensity caused by inelastic scattering. As energy-
filtered images become more widely available (see
Chapter 40) this problem will disappear. Direct digital
recording of the intensities, using a CCD camera, will
also make a quantitative analysis more tractable, elimi-
nating uncertainties associated with the calibration of the
response of the emulsion of the photographic film. (See
also Section 30.4.)

With these new applications of diffraction-contrast
images in mind, improved simulation programs have be-
come essential. An ideal program will be versatile, but
user-friendly; it will allow you not only to calculate the im-
age but also give defect-interaction geometries. In simulat-
ing images of crystal defects you’ll encounter several prob-
lems which are almost independent of one another. You
must:

B Define the geometry of the defects and of the
specimen (the diffracting conditions).

B Calculate the displacement field associated with
the defects.

B Propagate and scatter the electron beams
throughout the foil (i.e., solve the Howie—
Whelan equations).

We’ve already discussed the theoretical basis of the dif-
fraction process, so we’ll now illustrate some of the nu-
merical methods which you can employ for different defect
geometries. In Chapter 25 we’ll consider other types of de-
fects which may be analyzed, methods for defining them,
and how you can calculate the displacement field.

i W IMAGING

24.13.A.Theoretical Basis
and Parameters

We’ll use the Comis program as an example of the consid-
erations which go into a simulation program. One message
which you should certainly understand from this discus-
sion is that you must be very cautious when using any pro-
gram to simulate images. All such programs make assump-
tions and simplifications.

As always, when using the computer to simulate
TEM images: beware of the black box. Don't auto-
matically believe everything that comes out of it.

Comis is based on the Howie-Whelan dynamical theory of
electron diffraction and therefore neglects diffuse scatter-
ing. We’ll follow the approach given by Howie and Basin-
ski (1968).

B Use the deformable-ion approximation to de-
scribe how the crystal is influenced by the dis-
placement field, R. In this model, the potential
at r in the deformed crystal is assumed to be
equal to the potential at the point r — R(r) in the
perfect crystal. The model is good unless R(r)
varies too rapidly.

B Extend the Howie-Whelan approach to many
beams and avoid the column approximation.

The resulting equations are basically the same as those we
derived in Chapter 13, so don’t be put off by their appear-
ance.

We are now including terms which allow for a vari-
ation in x and y: these terms were specifically ex-
cluded in Chapter 13 when we made the column
approximation.

The equations are now written as

i“las@ _
Z
2> ( égl.,, + é’:g..) ¢he2“i((s“ * sg) z-(h-g)- R) [24.35]
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As usual, Y is the incident-beam wave vector in vacuum, g is

a particular diffraction vector, and h represents all the other
possible diffraction vectors; you might like to compare this
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equation with equation 13.8. We have defined two new para-

meters to take account of the direction of the beam

(x +g),
X

and 0, = [24.36]

The x-y plane in the reciprocal lattice contains the domi-
nant reflections, and z is almost parallel to the incident
beam. The number of beams you can include in the calcula-
tion is limited only by the capacity of your computer. The
standard default for a program would be to select only
beams on the systematic row. However, nonsystematic
beams can substantially influence your image, so it is use-
ful if you can include sets of beams which are coplanar
with the systematic row. We define the deviation of the
crystal orientation from the exact Bragg condition by spec-
ifying the wave-vector components ) and X, the latter ap-
plies when reflections outside the systematic row are in-
cluded. Now we can calculate a/l the deviation parameters,
s,; there are many beams and each s can be different.

Each extinction distance ég is defined as the ratio
xg/IUgI, as usual with U, being a Fourier component of the
perfect-crystal potential. The Fourier components can be
calculated from X-ray scattering factors, using the Mott
expression (Mott and Massey 1965). For most situations
the scattering angle is small enough, so the X-ray scatter-
ing factors may, in turn, be calculated using the nine-para-
meter Gaussian fit given by Doyle and Turner (1968).

You’ll need to know the unit cell for your material
and the Debye-Waller factors. Comis, for example, can
then automatically calculate &g using a built-in table of the
Doyle-Turner parameters. The Debye—Waller factor (B) is
related to the (mean-square) vibrational amplitude of an
atom on a lattice site. So it is a temperature-sensitive term.
You need to know B if you want to convert X-ray structure
factors to electron structure factors (or vice versa) at a
given temperature, or if you want to compare structure fac-
tor measurements taken at different temperatures. When
you calculate extinction distances, the Debye—Waller fac-
tors are essential to determine the effect of temperature.

Equation 24.35 is only valid if your crystal has a
center of symmetry, otherwise you have to redefine ig.
Simulations involving noncentrosymmetric crystals can be
performed, but you have to replace the &g and ég’ with com-
plex quantities and then defining all the parameters is re-
ally difficult (Gevers et al. 1966) (see also equation 14.2).

You can take account of absorption effects in the
usual way by adding imaginary Fourier components,
Ug'(Yoshioka 1957); the absorption distances, ég’, are then
defined as we discussed in Section 23.8. There are equa-
tions which a program can use to estimate the absorption
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distances, e.g., the linear relation IUg'I/IUgI =a+ blgl, as sug-
gested by Humphreys and Hirsch (1968), or you could
specify each individual absorption distance directly.

24.13.B. Apparent Extinction Distance

The program developed by Head et al. was based on the
two-beam approximation. The success of such calcula-
tions relies on the fact that £ o may be replaced by an ap-
parent extinction distance, & < &_. This substitution com-
pensates for scattering into beams that are not included in
the two-beam calculation. The term & depends on the ¢
and must be estimated in each individual situation, e.g., by
fitting the simulated image to your experimental image.
For a quantitative image analysis it is important that you
should have as few adjustable parameters as possible; us-
ing the many-beam program eliminates the need to use the
parameter £, Alternatively, you may determine 2’;‘; by
comparing simulated thickness fringes calculated using
many-beam and two-beam approximations.

24.13.C. Avoiding the
Column Approximation

You can perform simulations with or without the column
approximation. With the column approximation, you only
keep the first term on the right-hand side of equation 24.35.
The equations are reduced to a system of ordinary differen-
tial equations which the program must solve at each image
point (x, y). In practice, the equation is solved on the nodes
of a mesh (columns) using a fifth-order Runge—Kutta inte-
gration routine (which you, or the program, can look up
when you need it). You need to choose the size and “resolu-
tion” of the mesh. As we’ll see in Chapter 26, there are sit-
uations where the column approximation will not be ac-
ceptable (Howie and Sworn 1970).

Without the column approximation, equation 24.35
gives us a system of coupled partial differential equations.
The boundary conditions (at z = 0) can be generally written
in the form

a,0, + b, 3 = Ce [24.37]
where we’re ignoring changes in the y-dimension.

You can use fixed boundary conditions (Howie and
Basinski 1968):

M The foil is divided into thin slices of thickness
Az. You should not confuse this with the multi-
slice method for lattice-image simulation which
we’ll see in Chapter 29; we are still using
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Howie—Whelan equations. Then, equation 24.35
is integrated, using the column approximation,
through the first slice, i.e., from z =0 to z = Az,
at all the mesh points.

B The corrections to the column approximation,
i.e., the terms containing derivatives with re-
spect to x and y, are then evaluated by interpo-
lation and included.

B The procedure is repeated until the exit surface
of the foil is reached.

With this procedure, you are actually applying the column
approximation to the outer boundary of the mesh. So, in
equation 24.37, a,= 1, bg =0, and ¢, = o) g at the initial sur-
face. In order to avoid distortion of the image, you must
choose the step size, Az, carefully and be sure that the dis-
tance between columns (mesh size) is small enough
(Anstis and Cockayne 1979).

24.13.D. The User Interface

You’ll want to run your program interactively so it should
include commands which allow you to change parameters
easily. Ideally, it will allow you to access each command

Il W IMAGING

through the keyboard using a menu. In Comis, for exam-
ple, certain standard menus are available for special pur-
poses. The user can also build (and save) menus inter-
actively. This allows all the relevant parameters and
commands for a particular problem to be present within a
single menu. At any time, all the commands are available
through the keyboard.

Although typical simulations may be performed in a
matter of seconds, many-beam calculations including sev-
eral dislocations may require more CPU time. For this situa-
tion, Comis includes a “submit” command which will start a
batch job based on your current data and parameters. Thus,
the interactive mode may be used as a convenient way of
submitting several jobs with varying parameter values.

For many problems, a purely visual comparison of
experimental and simulated images is sufficient to allow
you to interpret your image. In these situations you can of-
ten find a &% such that the simulations can be carried out
with only two beams (Head et al. 1973). However, since
many parameters are involved in the image-matching pro-
cess, it is best to eliminate as many unknown variables as
possible. Many-beam calculations are even more important
for quantitative analyses.

CHAPTER SUMMARY

The key points discussed in this chapter are:

B We see contrast from planar defects because the translation, R, causes a phase shift o = 2ng-R.
B In the two-beam case, we can derive analytical expressions to describe the contrast .
B We can use the scattering-matrix method in the two-beam case and can readily extend it to more

complicated multibeam situations.

Many different types of planar defect can be studied. You should be careful not to assume that all defects be-

have the same as SFs in fcc materials.

There is a direct relationship between the information in the images and that in the DPs, which you can

understand using the concept of the relrod.

You need to understand how Bloch waves behave to explain why BF/DF pairs of images are not com-
plementary, and why the contrast from planar defects can disappear in the “middle” of the image. The latter is a

result of preferential absorption of certain Bloch waves.

You can now use computer modeling of diffraction-contrast images of planar defects to perform quanti-

tative analysis and image matching.
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